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Abstract

The molecular orientation and deformation mechanisms of a quenched isotactic polypropylene (iPP) film deformed at temperatures
between 303 K and the melting point are studied. At draw temperature T less than 400 K where the degree of crystallinity does not change
markedly, a linear relationship between molecular orientations of the crystalline and the amorphous phases is revealed and the slope is
estimated about 1.82. The interpenetrating network (IPN) model, that takes into account the plastic response of the crystalline (C) network
formed by a small portion of crystallites adhered through intercrystalline links and the pseudo-affine deformation of the crystallite enhanced
amorphous matrix (CEAM) network, is able to account for inhomogeneous deformation behavior on the mesoscale accompanied with the
localized necking in this 7 range. Meanwhile, the initial Young’s modulus and the true yield stress exerted by the deformation of the rigid C
network exhibit the Arrhenius type of dependence on Tg. The apparent shear modulus of the CEAM network as a function of 7% is discussed
in relation to variations in numbers and average molecular weights of the crystalline and the amorphous sequences being manifested by small
consecutive endothermic and exothermic peaks in the DSC curve. The IPN model becomes invalid for deformations above Tg =400 K where

morphological changes are induced due to melting of crystallites as proved from the DSC measurement.

© 2005 Elsevier Ltd. All rights reserved.
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1. Introduction

Using an equipment for simultaneous kinetic measure-
ments of microscopic infrared (MicIR) dichroism from a
predetermined mesoscale sampling area and of macroscopic
stress of a polymer thin film subjected to uniaxial stretching
at a constant elongation rate [1], we have studied the
molecular orientation of a quenched isotactic polypropylene
(iPP) film during the necking at 303 K [2]. The deformation
is truly inhomogeneous on a macroscopic scale. However,
drastic deformation and molecular orientation mainly occur
in the neck shoulder [3]. We disclosed a pseudo-affine
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deformation for the amorphous phase up to a local extension
ratio Apeso~4.5 based on the relationship between the
orientation function of the amorphous phase, f,, and Ayjeso
in situ determined on a mesoscale of 200 um. Since the
orientation function of the crystalline phase, f., has been
found to be in proportion to f,, in the same Apgeso region [3],
the average orientation function, f,,, as a function of Apjeo
can also be described by the affine model.

By measuring the molecular orientation along the draw
axis of a quenched film stretched to different macroscopic
strains, we showed that the pseudo-affine deformation is
applicable up to a limiting value of f,,=0.45 for fully
stretched strands, which should be recognized as a key value
to stipulate an upper limit of the pseudo-affine type of
deformation occurring in the narrow neck shoulder region
[4]. This value is located near the boundary between the
neck shoulder and the neck entity, which partly explains
why the neck shoulder appears to smoothly propagate.

We proposed an interpenetrating network (IPN) model
for interpreting the true stress—strain relationship of a
mesoscale area suffering from the necking in the quenched
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iPP film [4]. In this model, a small portion of crystallites
adhered through intercrystalline links [5] forms a rigid
crystal (C) network that penetrates through a soft crystallite
enhanced amorphous matrix (CEAM) network. The
deformation of the C network during the necking is
described using Takayanagi tie molecule model [6], while
the deformation of the CEAM network should obey the
affine deformation model as far as the elongation
temperature (Tg) is above the glass transition temperature
(Tg) of the amorphous phase [4]. After tie molecules are
pulled out, the intercrystalline links flow and exert viscous
force in the neck shoulder region. Since the number density
of intercrystalline links does not change as far as volume
constancy is kept during stretching, the true stress supported
by the C network remains constant after yielding, but that
from the CEAM network increases by stretching. This
model with slight alternation is also validated in films of
poly(ether-block-amide) copolymers as well as films of a
metallocene polypropylene, an ethylene—butylene rubber
and their 80 wt/20 wt blend at room temperature [7].

The IPN model might be comparable with the previous
molecular network concept. Elastically effective network
strands in amorphous regions have their ends more or less
fixed either by entangling or by anchoring in the adjacent
crystallites so as to set up a network underpinning the
semicrystalline morphology, which is of key importance in
determining the drawing process [8]. Shrinkage and shape
memory effects in the deformed materials strongly support
the presence of a molecular network [9]. Although
stretching of semicrystalline polymer specimens induces
plastic deformations in the crystalline phase, the amorphous
phase at 75> T, should behave elastically whenever the
semicrystalline structure is considerably stable during the
deformation. Neutron scattering experiments have been
performed to determine the radius of gyration in poly-
ethylene fibers drawn beyond the necking and the stress-
softening regions. The results show that, at Tgs between 343
and 363 K depending on the molecular weight, there is no
evidence for any local melting and molecules appear to
deform affinely through the necking, whereas drawing at
higher Ts leads to local melting and the affine model does
not hold anymore [10]. It seems that, below the melting
point Ty, there exists an upper limiting temperature above
which the affine deformation of amorphous chains in
semicrystalline polymers cannot be realized. An issue arises
where this limiting temperature is located for the quenched
iPP film with the smectic crystalline structure.

Relative contributions from the crystalline and the
amorphous phases to the true stress—strain relationship
should alter with variations in deformation temperature. The
cooperativity of the two phases, or the two networks in the
proposed model, remains ambiguous in our previous paper
[4]. Since the cooperativity might be a function of
temperature, we shall in this study further examine the
applicability of the this model to the plastic deformation of
the quenched iPP film drawn in a relatively broad

temperature region above room temperature yet below Ty,.
The influence of Ty will be discussed on the basis of
molecular orientation combing with the true stress—strain
relationship. Especially, discussions will be made to key
parameters governing the deformations of the C and the
CEAM networks as a function of Tg.

2. Experimental section
2.1. Materials and sample preparation

iPP pellets with My=3.7X10° gmol~' were com-
pressed at 483 K for 5 min to form a film with an average
thickness of ca. 30 um, which was then quenched into an ice
water.

2.2. Apparatus and method

The setup detail of the equipment, the kinetic measure-
ment of MiclIR dichroism and the data analysis procedure
are described in the earlier papers [1,2]. This equipment
offers a kinetic measurement of AC(f)=A;(f)—A () and
DC(t)=A(r)+A | (¢) alternately at a time interval of 30 s.
Here A (#) and A | (¢) are the polarized spectra at stretching
time ¢ with the IR radiation parallel and perpendicular to the
draw axis, respectively.

The film samples with an initial length Lo=2 mm and an
initial width Wy=3 mm were fastened between the two
clamps and were stretched at a constant elongation rate of
0.05 min~— ' with simultaneous movement of the clamps to
the opposite directions.

The viewing field for sampling the MicIR dichroism was
200200 pm?. An insulating protector with a potassium
bromide window was used to cover the sample cell for
controlling the temperature as well as protecting the
objective of the IR microscope. The MicIR dichroism was
sampled from the film center. Stretching was started 1 min
after the desired elongation temperature 7 was attained.
We measured the film width and thickness in the film center
so as to derive the local draw ratio Apses, and the true stress o
utilizing that the specific volume is kept constant during
uniaxial stretching [3].

From the dichroism of a desired absorbance band, the
orientation function

20\ _
Fe 3(cos 26) 1 0
can be derived from

240 Ry+2
P =3280 Ry =1 (22)
with

_AC(n

At = D) (2b)
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Here, 0 is the orientation angle of a chain segment
making with the draw-axis, and Ry=2 cot® y is the perfect
dichroic ratio of a transition moment making an angle ¥
with the direction of the molecular main chain axis. The
973 cm ™! 7t-band belongs to the CH; rocking and the axial
and equatorial C—C stretching modes in both the amorphous
and the crystalline phases [11], whose dichroism allowed us
to derive the orientation function f,, in relation to the
average chain orientation under the viewing field [12,13].
The f. was determined from the 7-band at 998 cm ™'
involving the CHj rocking, the C—CHj stretching, the CH
bending and the CH, twisting modes in the crystalline phase
[12,13].

Thermal behaviors of the quenched film was examined
from differential scanning calorimetry (DSC) analysis using
a DSC-8240B calorimeter with a TAS-100 controller
(Rigaku) at a heating rate of 2 °C min~ ' under dry nitrogen
atmosphere. The starting temperature in DSC measurement
was 300 K. The temperature of the calorimeter was
calibrated from the observed melting points of ultra-pure
indium and short n-alkanes. The first run data were
analyzed. The fractional crystallinity V. as a function of
temperature was estimated according to the First Law
method [14].

3. Results

3.1. Nominal stress and molecular orientation at various
TES

Fig. 1(a) shows the nominal stress g, in a range of Tg
from 303 to 430 K against stretching time ¢ in proportion to
nominal strain &,. Decrease in o, with increasing T directly
reflects the reduction in the intermolecular force. The
yielding time where o, reaches the maximum or plateau is
prolonged and the load drop for the strain-softening in
convention is lowered as T is increased up to 399 K. The
yield strain decreases slightly and the strain-softening
disappears for 413 K< T <430 K. When Tg is increased
in the narrow range from 413 to 421 K, the stress level is
slightly improved probably due to the thermal recrystalliza-
tion accelerated by stretching.

The f,, profiles selectively shown in Fig. 1(b) reveal that
the necking is crucial for the local deformation in the Tg
range of 303-399 K where the neck propagation through the
viewing field causes the rapid molecular orientation [2,3].
The following slow orientation is attributed to the further
deformation in the necked region namely the neck entity.
The molecular orientation is, irrespectively of Tg, closely
related to the initial position of neck initiation and the
subsequent necking propagation. During the deformation at
Tg>413 K, f,, takes a wavy profile against time in spite of
the overall increment. This result suggests that the original
film center might be continuously moved back and forth
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Fig. 1. Nominal stress ¢ (a) and orientation function f,, (b) as a function of
stretching time ¢ for the quenched film draw at various Tgs.

during deformation, which resulted in the MicIR dichroism
data actually sampled from different areas in the film.

3.2. Thermal behaviors

The smectic phase in quenched iPP film might be
transformed to a-form crystal at high temperatures or/and
under uniaxial loadings, whereas deformation also produces
the smectic phase by pulling-out helical chains from
lamellae of the a-form [15-17]. Fig. 2 shows the DSC
curve and the resulting V. as a function of temperature. As
found by Wang [18] et al. and also by Androsch and
Wunderlich [19], a small endotherm centered at 327 K, a
small exotherm centered at 368 K and a sharp endotherm
peak centered at 438 K are seen for the quenched iPP film
with a smectic crystalline form. These three events are
related to the melting process of the smectic form, the
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Fig. 2. DSC curve of the quenched iPP sample subjected to heating under a
rate of 2°Cmin~ "' and the degree of crystallinity as a function of
temperature.

recrystallization process to form the o-monoclinic phase,
and the final melting of the a crystals, respectively, which
are well visualized in the temperature dependence of V..

3.3. Relationship between f, and f,,,

The relationship between f, and f,, is presented in
Fig. 3(a) in which f, is vertically shifted for help of view.
During the deformation, the neck may move continuously.
The data are really sampled from different areas, resulting in
slight fluctuations. We could distinguish presence of a linear
portion in the f.—f,, relation for f,,<0.5, approximately.
Plotting the slope K’ of the linear portion as a function of Tg
in Fig. 3(b), we find a transition at 400 K below which the
proportional constant K’ = 1.39 is likely independent of Tg.
K' appears to increase abruptly above the transition
temperature in the partially melted samples.

We already showed that a linear relationship of f, = Kf,,
holds during the pseudo-affine deformation of the quenched
film at 303 K [3]. On the basis of the two-phase model [9],

fav = V(‘fc + (1 - Vc)fam (3)

the proportional constant K can be estimated from K’ and V,
1 — VK

PECERS @
1—-V.K

and is plotted against T in Fig. 3(b). Although there is a
slight change in V. at temperatures below 400 K, K= 1.82 is
almost independent of Tg and is very close to the previous
value of K=1.85 [3]. The constant K value in this T region
suggests that the molecular orientation of crystallites is only
a function of the deformation of amorphous chains during
the necking, and is independent of deformational stress and
the possible smectic-to-monoclinic transformation [20].
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Fig. 3. (a) Relationship between f; and f,,, for the deformation at various Tgs
from the top at Tg=430K to the bottom at 7g=303 K and (b) Tg
dependences of proportional constants K’ and K for the linear portions of
the f.—f,v and the f.—f,, relationships.

Though heating weakens the intermolecular interaction
and gives chains energy for uncoiling and also for slipping
past each other even under small stresses, the crystallites are
still strong enough in comparison with the amorphous
phase. Therefore, according to the Takayanagi tie molecule
model [6], pulling-out of tie molecules from crystalline
lamellae is the main process that gives rise to the localized
necking and facilitates the crystalline orientation matching
to that of the amorphous phase. At higher Tgs located in the
main melting region of the o crystals, the abrupt increase in
K is mainly attributed to the decrease of V. and the strain-
induced recrystallization.

3.4. Applicability of the IPN model

From time profiles of o, and f,, as well as the linear



6526 Y. Song, N. Nemoto / Polymer 46 (2005) 6522—-6530

relationship between f. and f,,, it seems reasonable to
consider that the mesoscale necking at 303 K<Tg <399 K
should obeys the same pseudo-affine deformation mechan-
ism with constant volume. Then it may be worthwhile to
examine applicability of the IPN model [4] to the true
stress—strain behaviors at this 7g range. This model simply
assumes that the total true stress ¢ is given as the sum of the
true stresses, oc and gcgam, supported by the C and the
CEAM networks, respectively, as

0 = 0oc + 0cpam (5a)
oc = a,(C) (5b)
OCEAM — MPT(A%/[eso - Aﬁéso) (5¢)

Here o,(C) is the true yielding stress of the C network
and Mpr is the apparent shear modulus of the CEAM
network. In this model, the true yield stress oy is given as a
sum of oy(C) and the stress ocpam(e,) =Mpr(hs — A1)
supported by the CEAM network at the yielding point. In
the previous study, we supposed that g, can be put equal to
04(C) during the necking at such a low temperature of T =
303 K that gcgam(ey) may be considered much smaller than
oy [4]. This becomes questionable at elevated Tgs where the
total stress from the film is reduced considerably. Therefore,
we in this work treat o,(C) and Mpr as two adjustable
parameters for performing data fitting to the measured data
and consequently for an estimate of the yield strain e, =2, — 1.

Fig. 4 shows the true stress—strain (6—Apseso) relationship
together with the curves calculated on the basis of Egs. (5a)—
(5¢) for 6 > ay. It is seen that the IPN model fairly describes
the  mesoscale deformation of necking at
303 K<Tg <399 K. This suggests that our model is
undoubtedly applicable so long as the deformation
dominantly occurs in such localized area as the neck
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Fig. 4. True stress—strain relationship for the quenched film at
303 K<Tg<430 K. The curves are calculated according to Eqgs. (5a)-
(50).

shoulder where molecules are deformed at a constant strain
rate up to large strains giving a constant ..

In the Tg region of 413430 K, this model can not
account for the deformation though a qualitative agreement
is achieved at a middle strain range of Apjeso =2.0-3.5. The
measured ¢ is located below the predicted one at high
strains, which is partially attributed to the breakdown of
crystals and the local melting dominating over the thermal
recrystallization as well as the molecular orientation.

4. Discussion

The aforementioned results disclose three characteristics
for the deformation at 303 K< 7 <399 K: (1) the necking
dominates the local deformation and the molecular
orientation, (2) the slopes K’ and K remain constant, (3)
the IPN model can be successfully applied to the o—Apjeso
relationship. In the following sections, we focus on the
behaviors of the C and the CEAM networks at this T range.
The molecular orientation and the local deformation show
completely different behaviors in a narrow Tg range 413—
430 K located in the main melting region on the DSC curve.
Invalidation of the IPN model shall be discussed qualitat-
ively in brief.

4.1. Young’s modulus and yielding of the film

The solid symbols in Fig. 5 shows the Young’s modulus
E of the film as determined from the initial slope of the
0—AMeso CUTVE, the true yield stress o, and the reciprocal of the
yield strain 6;1 against the reciprocal of 7. Dependences of
E, oy, and e;l on Tgl are found to follow the Arrhenius law
at 303 K<TE <399 K regardless of variations in V. and
lamellar thickness [21]. The apparent activation energies are
estimated 35.740.9, 11.740.5, and 12.940.6 kJ mol ! to
E, oy, and 8;1, respectively. Finite integral of ¢ from zero to
&y, 1.e., Uy = J"OEY ode with e= Apes0— 1, gives yield energy.
As shown by the solid symbols in Fig. 6, the U, value seems
independent of T up to 400 K and roughly takes a constant
value of 3.54+0.1 MI m™>.

Above Tg=413 K the Arrhenius law does not hold
anymore. The film yields at £, =0.8-0.9 and E is smaller
than the values predicted by the Arrhenius law. The
deviation from the simple Arrhenius type of temperature
dependence is also reflected in Uy that shows an abrupt
reduction above 400 K as Ty approaches the melting point.
The deviation is consistent with the onset of melting at
398 K in the DSC curve.

Nitta and Takayanagi [22] have proposed a lamellar-
cluster model, which assumes that tie molecules between
adjacent lamellar clusters produce concentrated load acting
on the cluster surface, leading to the bending deformation of
the clusters. When the strain energy stored by the bending
deformation reaches a critical value, the clusters disinte-
grate and the sample yields. The model predicts that &, is
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Fig. 6. Yielding energy U, and Uy(C) for the film and the C network
respectively as a function of reciprocal of Tg. Uy is determined from the true
stress—strain relationship of the film and Uy(C) is calculated according to
Uy — Ucgaml(éy). The strain energy of the CEAM network stretched up to
the yielding point, cgam(ey), is also shown. The lines are drawn for guide
of eyes.

inversely proportional to ¢, under constant Uy, which was
confirmed in a binary blend of iPP/rubbery ethylene-1-
hexene copolymer stretched at room temperature with a
crosshead speed of 5 mm min~'. Plotting oy against 3;1 in
Fig. 7, we found that the linear relationship holds at
303 K<Tg <399 K. The slope 4.85+0.1 is in fair
agreement with the value of ~5.2 estimated from Fig. 3
in Ref. [22]. It is suggested that the yielding is exclusively
determined by the crystalline phase via the same underlying
mechanism. This is reasonable only when the crystals are
strong enough in comparison with the amorphous chains
and there is no local melting induced by the strain-energy.

4.2. Deformation of the C network

The Young’s modulus E(C) of the C network is estimated
from E(C)=FE—3Mpt. The Arrhenius plots of E(C) and
a,(C) are represented as hollow symbols in Fig. 5(a) and (b),
respectively. At 303 K<Tg<399 K, the apparent acti-
vation energies are estimated 36.31+0.9, and 12.1%
0.6 kJ mol ! to E(C) and a,(C), being very slightly higher
than those from E and oy, respectively. This result implies
that the initial deformation and the yielding are controlled
by two respective activation mechanisms in the C network.

Fig. 5. (a) Young’s modulus E and E(C) for the film and the C network
respectively as a function of reciprocal of Tg, (b) true yield stress o, and
ay(C) for the film and the C network respectively as a function of reciprocal
of Tg, and (c) reciprocal of yield strain 8)71 as a function of reciprocal of Tg.
The solid lines are drawn according to the Arrhenius law. The true stress at
the yield strain, scgam(ey), supported by the CEAM network is also shown
in (b), which discloses that it is independent of Tg.
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Fig. 7. Relationship between true yield stress o, and reciprocal yield strain
s;l for the film.

The rigid C network is composed of almost pure
crystallites firmly adhered through inextensible intercrystal-
line links which concentrate applied stress and induce
lamellae to yield in a position close to their attachment
points. Deformation in the neck shoulder region induces
irreversible structural changes in the C network and the
force exerted by individual intercrystalline links undergoing
the plastic flow is the viscous force depending on Tg.
Because the contribution of the CEAM network to stress
below the yielding point is considerably small, E and o,
from the bulk deformation appear to follow the Arrhenius
laws.

The IPN model can be regarded as the parallel
arrangement of the C and CEAM elements adhered to the
lamellar wall, which guarantees the application of Egs.
(5a)—(5c). The yield energy is thereby comprised of two
different types of energies, one being the storage one related
to deformation of the CEAM network and the other the
dissipative energy to be used up for pulling out of chains
adhered to the intercrystalline links from lamellae. Only the
latter facilitates to liberate energy accumulated in deformed
lamellae. In spite of the lack of a theoretical formulation for
the 0—Apeso relationship of the C network below the yielding
point, its yield energy, U,(C), may be estimated from Uy, —
Uceam(ey), where Ucgam(ey) = Jo* ocpamde represents the
strain energy of the CEAM network stretched up to the
yielding point. As shown in Fig. 6, Uy (C) decreases
and Ucgam(éy) increases slightly with increasing Ty from
303 to 399 K. On the other hand, Fig. 5(b) reveals that
oceam(ey)=1.3 MPa seems independent of Tg, which is
also a crucial factor for the yielding of the C network.

The treatment of Nitta and Takayanagi [22] did not
distinguish contributions of the crystalline and the
amorphous phases. Our data suggest that constant U,(C) is

not satisfied (Fig. 6) for the yielding because the crystalline
phase becomes loose and flexible with increasing Tg
(Fig. 5(a)). On the contrary, lamellar disintegration should
occur at increasing strains, which demands Ucgam(ey) to
increase correspondingly until cgam(ey) reaches its critical
value.

4.3. Deformation of the CEAM network

The deformation of the CEAM network is only related to
the parameter Mpr in Eq. (5¢). The fitted value of Mpr is
plotted against Tg in Fig. 8(a). Mpr decreases with Tg at
temperatures below 400 K, above which Mpt becomes close
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Fig. 8. (a) Tg dependence of apparent shear modulus Mpy for the CEAM-
network, and (b) T dependences of the molecular weights M., and M., as
well as the numbers P of the crystalline and the amorphous sequences. The
point with open symbol in (a) is a reference value of the plateau modulus
G‘ﬁ, = 0.43 MPa in the melt [23]. The solid curves in (b) are for guidance of
eye.
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to the plateau modulus G =0.43 MPa in the melt [23]. This
dependence of Mpt on Tg is of course in contradiction with
the classical rubber elasticity theory. However, it is not
unexpected taking the temperature dependence of the
crystallinity and crystal size into consideration.

Crystallization of polymers from the quiescent melt does
not lead to a resolution of the existing entanglements but
just shift them into the amorphous regions [24]. Strobl and
coworkers found that, at room temperature, the network
shear modulus of polyethylene and related copolymers
increase with increasing crystallinity, essentially starting at
the value of the melt. Crystallites in semicrystalline state act
as crosslinks and fillers [25]. In this work, the linear
relationship between Mpt and V. does not hold because of
the variations in structure, size and density of crystallites

Taking the crosslinking and the filler effects of crystal-
lites into consideration, the shear modulus may be expressed
[26-29] as

Mpr = vkTg(1 — Vo)(1 +2.5V,) 6)

where k is Boltzmann constant and v is the density of
elastically effective network strands in the amorphous
phase.

For simplicity, let us assume that a strand of M,=
6900 g mol ~ ' in the melt [23] forms crystalline sequences
of aM,, in molecular weight broken up alternatively by
amorphous sequences of M,,, in molecular weight in the
semicrystalline state. The crystalline sequences should be
apart away from the entanglement points and therefore
introduction of P crystalline sequences leads to (P+1)
amorphous sequences in the previous entanglement strand,
thus

v =v9(P +1) @)

In the melt with V.=0 and P=0, Eq. (6) is reduced to
Mpr=vokTg. The molecular weights M., and M., of the
crystalline and the amorphous sequences are related to the
sequence number P by

M, = (P + DHM,,, + PM,, (8a)
M M

a=SV,=p=< (8b)
p pe

In Egs. (8a) and (8b), density p can be evaluated from
those of the crystalline and the amorphous phases, p. and
Pam, as pzpcvc+pam(1_ Vc)’ and Pc and Pam Can be
estimated using the relations of Danusso et al [30].

Substituting values of Mpr and V. into Eq. (6), we can
estimate P, and then obtain M,,,, and M., by solving Egs.
(8a) and (8b). Results are plotted in Fig. 8(b) as a function of
Tg. It is seen that both M,,, and aM,, increase with Tg
below 400 K, which are related to the melting of tiny
crystallites and the resultant lamellar thickening. The Bragg
spacing L of a quenched iPP sample by Wang [18] et al.

was used to calculate the average lamellar thickness L. and
the average thickness of amorphous layer L,,, according to
the two-phase model applying V. measured in this work,
ie., Lc=LyV. and L,,,=Lo(1 —V,) [31]. The result in Fig. 9
shows that both L. and L., increases with increasing
temperature below 400 K, which is roughly consistent with
the variations of M., and M,,,,.

Semicrystalline polymers usually exhibit a broad melting
range due to the wide distribution of the lamellar thickness.
The melting temperature of a given lamella increases with
its thickness [32]. It is plausible that quenching of the iPP
film produces a lot of tiny crystallites with various sizes in
the entanglement network of melt. When the quenched
sample is heated, the less stable thin lamellae in the smectic
form melt first and then recrystallize into the a-form at
greater thicknesses, which leads the average lamellar
thickness to increase with temperature before complete
melting. Amorphous chains may also recrystallize onto
survival lamellae via diffusion [33]. The endotherm and
exotherm below 400 K in DSC curve (Fig. 2) are attributed
to melting of tiny crystallites followed by growth of
crystallites in size or thickness. Result in Fig. 8(b) indicates
that the decrease in Mpr with Tg below 400 K is mainly due
to the decrease in crystal number and the increase in
molecular weight of elastically effective segments.

4.4. Solid deformation at temperatures close to T,,

The yielding at 7 >400 K in Fig. 1(a) is still related to
breakdown of remaining crystals. However, local melting
agitated by strain energy might be the most significant effect
invoking several necks to appear in the film. These necks
with different deformation levels move back and forth along

10 T T T d T T T T T T T

L /nm
\‘
Y
\
\
\

Lamellar thickness L

300 320 340 360 380 400
T/°C
Fig. 9. (a) Thicknesses of lamella and amorphous layer calculated from

Bragg spacing of a quenched iPP sample by Wang et al. [18] and the
crystallinity measured in this work.
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the draw axis, leading to the wavy f,, profile in Fig. 1(b).
The local melting may induce molecular relaxation in the
amorphous phase accompanying the overall orientation
increment. On the other hand, the strain-induced recrys-
tallization from oriented amorphous chain leads to the
increases in K’ and K as compared with their constant values
at lower Tgs in Fig. 3.

The local melting prevents the amorphous chain from
affine deformation and the IPN model is thereby not
applicable at Tgs located at the main melting region. After
a fraction of crystallites melts away, the crystalline phase
cannot preserve certain continuity necessary for forming the
C network spreading through the whole sample, i.e., the
crystalline phase becomes discontinuous. Accordingly,
the CEAM network is reduced to the entanglement network
in which trapped entanglements might undergo relaxation
motion at long times or high strains, which accounts for the
measured ¢ lower than the predicted one as shown in Fig. 4.
Furthermore, when the film is stretched at a constant
elongation rate up to a pretty large strain, the corresponding
strain rate must decrease continuously so as to give smaller
and smaller viscous force. This also partially explains why
the IPN model becomes inapplicable at large Apjeso.

5. Conclusion

Linear relationship between £, and f,, holds for f,, <0.5
for the deformation of quenched iPP film over a broad Tg
range from room temperature to the melting point. The
slopes of the linear portion between f. and f,, as well
as between f. and f,, are independent of Tg at
303 KT <399 K, whereas they increase abruptly at
higher Tgs where the main melting occurs significantly as
revealed from the DSC measurement. The IPN model can
fairly describe the mesoscale deformation during the
localized necking at 303 K< 7T <399 K but is invalid for
higher Tgs.

By applying the IPN model to deformation at
303 K<Tg <399 K, it is found that E(C) and ¢,(C) as a
function of Tg obey the Arrhenius law, which suggests that
changes in intermolecular interaction dominate the acti-
vation process in the C network. The C network yields at
almost constant total yield energy and also constant stress of
oceam(ey), the later being the critical value exerted by the
CEAM network necessary for chains to be pulled out from
lamellar fragments. Mpt of the CEAM network as a function
of Tg is explained in relation to V., and the variations of
molecular weights and the numbers of crystalline and the
amorphous sequences between two successive entangle-
ments. Increasing Tg results in a reduction in the number of
crystalline blocks along a chain strand but leads to
considerable lamellar thickening.
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